Titanium is widely used in demanding applications, such as in aerospace. Its strength-to-weight ratio and corrosion resistance make it well suited to highly stressed rotating components. Zirconium has a no less critical application where its low neutron capture cross section and good corrosion resistance in hot water and steam make it well suited to reactor core use, including fuel cladding and structures. The similar metallurgical behaviour of these alloy systems makes it alluring to compare and contrast their behaviour. This is rarely undertaken, mostly because the industrial and academic communities studying these alloys have little overlap. The similarities with respect to hydrogen are remarkable, albeit potentially unsurprising, and so this paper aims to provide an overview of the role hydrogen has to play through the material life cycle. This includes the relationship between alloy design and manufacturing process windows, the role of hydrogen in degradation and failure mechanisms and some of the underpinning metallurgy. The potential role of some advanced experimental and modelling techniques will also be explored to give a tentative view of potential for advances in this field in the next decade or so.
This article is part of the themed issue 'The challenges of hydrogen and metals'. would have been about as thinkable as one on corrosion of gold in ice water. There were no problems, and there would have been little or nothing to talk about. For at that time, everyone knew-and knew on the authority of the textbooks [ . . . ]-that titanium was immune to this plague that afflicts so many other alloy systems. The first chill wind to shake this firm confidence in titanium's immunity arose in late 1955 . . . ' [1] . Sixty years on, stress corrosion and other hydrogen effects continue to be problematic and little-studied or understood in titanium. It continues to be problematic in service on occasion, and it continues to be largely ignored in the textbooks. In that most (aqueous) corrosion resistant of all metals, zirconium, the problem of hydride-assisted cracking is widely appreciated and studied, although it remains a potentially life-limiting problem for nuclear fuel and requires detailed predictive capability with respect to reliable long-term storage of spent fuel rods.
Introduction
Both Ti-and Zr-based alloys behave in similar ways with respect to their interaction with hydrogen. For α/β alloys (comprising a mix of the hcp α and bcc β phases), the properties may be dominated by the high solubility of H in the β phase. This extends to very low β contents, meaning that great care is required when looking at experiments conducted on 'commercially pure' metals, as they may have sufficiently high trace levels of β stabilizers to give retained β phase at room temperature. The α phase is highly susceptible to hydrogen even at very low bulk levels. This is exacerbated by the high diffusion rates and the preferential tendency of hydrogen to migrate to regions of high tensile stress and low temperature, necessitating great care when considering the potential consequences of hydrogen in the system. Local charging of hydrogen, such as at crack tips or regions of local oxide film damage, is therefore particularly problematic.
While measurement of the bulk mechanical behaviour gives some insight into the balance between alloy chemistry and properties for these systems, elucidating the mechanisms experimentally is non-trivial. Hydrogen is hard to detect with the required level of spatial and temporal resolution given that hydrogen gradients of interest are at high-stress regions such as crack tips. Component-related issues may impose additional difficulties with respect to understanding and/or simulating the hydrostatic stress states, which may be significant. Actual service load regimes with respect to the phasing of time, temperature, stress and environment bring yet more complexity, as illustrated by the case study of 'blue spot' hot salt stress corrosion cracking detailed in §4.
Industrial application (a) Applications, load regimes and operating environment
Titanium and zirconium alloys find use in highly demanding safety-critical applications. The significant consequence of failure for these parts necessitates extremely remote failure probability, which makes a detailed mechanistic understanding and, consequently, predictive capability in complex load regimes highly desirable.
Titanium alloys have been fundamental in the evolution of gas turbines for aerospace and power generation in their current form. They are the material of choice for aerofoils and discs because of their excellent fatigue-allowable strength-to-weight ratio, temperature capability and resistance to corrosion and pitting corrosion, which is highly desirable because the pits may act as sites for fatigue initiation. Their operating temperature envelope can be as wide as −60°C to +600°C depending on the alloy and component. Air pressures up to approximately 30 bar are possible [2] . Gas turbines operate globally and as such experience a wide range of contaminants including salt, calcium magnesium alumina silicate (CMAS) and all atmospheric pollutants [3] . Operating stresses are such that the cyclic yield strength of the material is commonly exceeded in stress concentration features (particularly for discs), and for aerofoils high cycle fatigue (HCF) loading may dictate component design. While commercial-purity (CP) grades of titanium are used, they are typically utilized in lower-stress environments. Zirconium alloys share the advantageous corrosion resistance with titanium but in this case for operation in pressurized water reactors (PWRs) up to around 300°C at a water pressure of approximately 20 MPa. CANDU (Canadian Deuterium Uranium) reactors use natural uranium fuel at similar temperatures and also require good corrosion resistance. For both these systems, issues arise given that, although at low rates, the corrosion serves to decrease wall thickness, decrease thermal conductivity and, critically, increase the hydrogen level (or deuterium for CANDU) in the substrate as a result of the water breakdown product. It is generally the latter that threatens the reliable operation of the plant if appropriate precautions during manufacture and operation are not implemented [4] .
The major benefit of Zr alloys is their very low neutron capture cross section (approx. 1/20 that of stainless steel [5] ). To achieve this, it is vitally important that impurities such as Nb with high or very high neutron capture cross sections are reduced to low levels. The sequential fractional crystallization process used to achieve this has the consequence of minimizing levels of many of the β stabilizing elements. As such, it is critical that when comparisons are made between Ti and Zr, reactor-grade Zr should be compared with studies on high-purity Ti and not CP Ti grades. While the stress state in reactor core environments is apparently more tranquil than in a jet engine, the evolution of stress state with time is no less complex. Key issues include the following:
1. Thermally driven strains and irradiation-induced phenomena such as swelling and growth are complex, significant and to a large extent dictated by the crystallographic texture of the zirconium used. These are exacerbated by complex geometric features. As an example, the total length of a 6 m long CANDU pressure tube may change by more than 50 mm during service [6] . 2. The strength of zirconium alloys changes significantly as a result of irradiation; for Zircaloy 4 the tensile strength may more than double from a starting level of 200 MPa [7] . For Zr-2.5 Nb, strength increase from 600 to 800 MPa is typical [8] . The radiation damage has important consequences for the interaction with hydrogen in solution. In particular, the very high density of dislocation loops potentially acts as 'traps' for the hydrogen. The frequency, 'depth' and capacity of these traps are not dissimilar to those of cold worked steel where considerable research activity is exploring their interaction with hydrogen and the evolving mechanical properties with time [9] . The other major factor associated with irradiation damage in Zr alloys is that the increased strength means that increased tensile stresses may be accommodated in features such as notches, exacerbating the effects of hydrogen embrittlement. 3. In PWRs, there is an interaction between the fuel and the Zr cladding (termed pellet-clad interaction, PCI), where the stress on the Zr alloy can increase with fuel burn-up as a consequence of (i) adherence of the (swelling) uranium oxide-based fuel pellets with the Zr alloy can, and (ii) the increasing internal gas pressure arising from the gaseous fission product inventory. High local stress gradients may also exist due to the evolving radial crack distribution in the oxide fuel. 4. For CANDU reactors, in particular, residual stress can be an issue and was problematic in rolled joints [10] . In this case, the higher-strength Zr-2.5 Nb alloy used makes the problem worse by being able to accommodate higher residual stress levels. The prime concern is hydrogen concentration in regions of tensile residual stress.
It is important to recognize that the certification basis for complex, safety-critical products as found in aerospace and nuclear applications is largely founded on evolutionary experience that to some degree is empirical in nature. The operating regimes and property changes in the material during service are complex and may be difficult to predict. As such, it is extremely important that scientific research addresses fundamental science relating to these products such that the predictive capability for safe operation continually improves. This allows exploitation of the remarkable ongoing developments in experimental and modelling capability, not available at the time of original product certification. Figure 1 . Effect of total H content on the variation in ductility (β21S) and impact energy (alloy C) with temperature in very heavily β-stabilized titanium alloys, compared with non-hydrogen-loaded material at room temperature. Redrawn from [14, 15] . (Online version in colour.)
(b) Hydrogen in manufacture
Both Ti and Zr alloys are mainly produced by vacuum arc melting. While the solubility of hydrogen increases as it melts in both metals [11] , the melting process serves to reduce hydrogen levels. This is particularly true for more recent production techniques that provide a higher (and indeed variable and controlled) superheat such as plasma arc melting or electron beam melting [12] . The solubility of hydrogen in the liquid tends to zero as the boiling point is approached. Outgassing of hydrogen as superheat is reduced during solidification is problematic in welding if it results in porosity formation. Recent work on electron beam welding has been successful in combining modelling and experimental work to good effect [13] . Control of raw material feedstock used for ingot production is very tightly controlled for both Ti and Zr. Typically, elemental titanium and zirconium sponge is stored under argon. This is primarily to minimize oxide growth and moisture absorption, which would both have the undesirable effect of increasing the oxygen content in the final product. These handling and storage techniques have the additional benefit of minimizing the hydrogen starting inventory.
Bulk rolling and forging processes are mostly conducted using electric furnaces, but where gas-fired furnaces are used care is required to avoid direct impingement of the flame on the metal and that reducing conditions are avoided. Inter-stage surface machining is common practice to minimize metal losses associated with the brittle oxide scale initiating cracks that propagate into the substrate. Where such stages include a chemical pickle to help remove scale, it is vital that good control of the acid baths is maintained. A common example is the use of HF/HNO 3 acid combinations for metal removal where the acid balance is crucial. If the concentration of HNO 3 falls below a critical value then the nascent hydrogen formed by the reaction between the HF and the metal will preferentially dissolve in the metal rather than being oxidized by the HNO 3 . This occurs without a noticeable reduction in metal removal rate-the common production metric.
Although heavily β stabilized alloys do have a higher tolerance for dissolved hydrogen (figure 1), unfortunately this is equally matched by their greatly increased propensity to pick hydrogen up during the manufacturing process. In particular, pickle and etch processes that give acceptably low pick-up rates for α or near-α alloys need revalidating for alloys with high β phase content. This is a result of the hydrogen pick-up rate being proportional to the product of the diffusion rate and the substrate solubility. For the β phase, diffusion rates are several orders of magnitude higher and solubility 5 to 10 times that of the α phase [16] . It is not surprising that products that have a high surface area to volume ratio are particularly problematic with regard to control of hydrogen. Thin sheet and wire may also require numerous inter-stage heat treatments and chemical processing during manufacture, with the associated potential difficulty of meeting hydrogen content specifications.
During manufacture, and in service, it is very important that great care is taken to avoid embedded metallic contaminants in the surface of titanium, zirconium and indeed hafnium. Such particles may act as conduits for hydrogen diffusion into the substrate, increasing hydrogen pickup. In extreme cases this may result in 'breakaway corrosion' where the near-surface hydride formation disrupts the passive, or semi-passive, oxide layer. Such reactions may be extreme and rapid and may occur in environments where the uncontaminated substrate may be highly resistant to corrosion. This effect is also observed in acceleration of pick-up rates where gaseous hydrogen is present [17] (figure 2). Anodizing may be used to good effect for the removal of surface metallic impurities prior to service and is applied to some zirconium and titanium products prior to use as part of the standard method of manufacture.
For both titanium and zirconium alloys, hot vacuum degassing in the solid state can reduce hydrogen levels significantly. The process is frequently used during titanium manufacture where it is frequently combined with the final stress relieve heat treatment applied to the component. For α + β Ti alloys, heat treatment at 700°C for 2 h in vacuum will normally result in product with hydrogen contents of low tens of ppmw. This practice is far less frequently applied to zirconium alloys. We can only conclude that the much lower hydrogen contents required for nuclear application combined with the lower permeability of any zirconium surface oxide film to hydrogen transport make it a less attractive proposition.
(c) Texture development and control pertinent to hydrogen interaction Crystallographic texture is significant with respect to hydrogen-assisted cracking. But before considering detailed mechanistic issues, we briefly review texture evolution in Ti and Zr alloys, which are sufficiently similar that they may be treated together for the current purpose. For more detail, the reader is referred to [19, 20] . For processing in the α and near-α region, such as roomtemperature sheet rolling of commercially pure alloys, the texture is dominated by twinning resulting in the basal normal directions lying in the plane of the plate. It has been demonstrated that this tendency extends to surprisingly high temperatures [21] and it is the authors' view that Ti-6 Al-4 V exhibits twinning-dominated texture evolution up to approximately 700°C.
For two-phase processing, where substantial quantities of β phase are present, the situation is no less complex. If rolling is considered as representing a simple strain history, for unidirectionally (UD) rolled product, a 'basal transverse' texture will form. Conceptually, this is logical as it represents the maximum accommodation of strain utilizing low-energy prismatic slip systemsthe prismatic texture also reflects this tendency.
The actual combination of slip, twinning grain boundary sliding, recovery and so on during processing are complex and not particularly well understood, but the trends described above hold well when considering the likely texture in more complex strain path manufacturing routes. For example, α-β cross rolling produces 'two sets' of unidirectional textures at 90°to each other; α-β bar rolling produces a radial basal texture (i.e. similar to a basal transverse UD texture but without the symmetry associated with through-thickness size reduction and limited lateral spreading). Extrapolation of the trends to ring rolling and component forging, etc., logically follow and provide a robust qualitative predictive capability.
For many titanium products, the texture produced is a consequence of the geometric requirements to reach component shape and the microstructural refinement required to optimize mechanical properties. The latter requires significant multi-directional working and numerous 'reheats' to develop the fine α-β microstructure most commonly utilized in aerospace. In these cases, any elastic and plastic anisotropy arising from the texture is captured by destructive part cut-up/test and product-based testing for certification. The relative size and orientation of 'macrozones' have important consequences for subsequent component durability for some alloys operating in the 'cold dwell fatigue' regime [22] . Hydrogen is strongly implicated in the crack initiation process in this regime. For a limited range of titanium products, such as both UD and cross rolled fan blade plate, used for Rolls-Royce three-shaft engines, the texture is deliberately tailored to the product for aerodynamic and mechanical integrity reasons.
For zirconium alloys, the dominant applications are fuel clad and pressure tubes, which require tube-based product forms. From a product durability standpoint, there is a strong desire to generate a texture in which the basal planes have a low probability of being aligned in a radial orientation with respect to the tube axis. Given that the hydride habit plane (and preferential hydrogen and iodine embrittlement orientation) is near basal, this ensures maximum resistance to through-wall cracking via longitudinal cracking. To achieve this texture, Zr tubes are typically pilgered, and control of the ratio of axial extension versus tube diameter increase (with concurrent wall thickness decrease) is such that the desired texture is produced. Continuum modelling approaches have had some success in correlating process routes to product texture [23] .
(d) Mechanical issues arising from bulk alloy hydrogen content
For α + β titanium alloys, the microstructure trends are summarized in figures 3 and 4. The most damaging hydrogen-related crack initiation regime is notched dwell fatigue. Above approximately 125 ppmw hydrogen, there is a progressive fatigue life debit as hydrogen content increases, up to at least 300 ppmw in Ti-6 Al-4 V [24, 25] (figure 2). This effect is not observed for hydrogen contents in this range if the specimen is un-notched or there is no hold period in the low-cycle fatigue stress cycle. This effect is very similar in nature to the initiation phase of notch fatigue in reactor core zirconium components [26] where a stress concentration and hold on load are required for crack initiation. For titanium this load regime is probably the basis of the typical hydrogen specification limit of 125 ppmw for many alloys. Not surprisingly the applied stress is highly influential in the time to failure.
However, hydrogen contents well below this limit may significantly degrade properties in engineering alloys in important load regimes. This includes the following:
1. Decrease in fracture toughness [27, 28] , compared to Ti-6 Al-4 V, for the more heavily β stabilized alloy Ti-5-5-5-3 approximately 50% decrease in toughness as hydrogen was increased from near zero to approximately 100 ppmw was observed. The trend is very similar in Zircaloy 4, with a similar drop between near-zero and approximately 250 ppmw [29] observed for room-temperature fracture toughness. 2. Increase in fatigue crack propagation rates, where an order-of-magnitude rate increase was observed on raising hydrogen content from 8 to approximately 40 ppmw [30] . The increase in rate is associated with stress, time and temperature; for a comprehensive study the reader is referred to [31] (figure 5). The role of microstructural morphology for the α and β phases is fascinating and related to the contiguity of the β phase (figure 2). For the same alloy in different microstructural conditions, the apparent bulk diffusion of hydrogen may increase by two orders of magnitude as the continuity of the β phase increases [33] . As continuity increases so does the effective hydrogen transport rate to the crack tip and the crack growth rate [16] . As it would seem logical to assume that it is the α phase that is primarily responsible for crack progression, this implies that high stress levels in the α phase are sufficient to pull some of the hydrogen from the β phase, despite the chemical potential driving force in the other direction. . Effect of hydrogen and heat treatment on impact strength in titanium alloys. The beneficial effect of water quenching arises from the fine distribution of hydrides formed, compared to the plate-like hydrides formed on slow cooling. Redrawn from [37] , p. 154.
of the β phase with increasing hydrogen content [34] . However, this would require relatively high hydrogen levels in the β phase [14, 35] . 3. Peak temperatures for hydrogen effects on crack growth rate are also, unsurprisingly, related to the morphology of the microstructure [36] . Therefore, great care is required when attributing properties and behaviour to alloy chemistry alone (figure 6). 4. Cold dwell fatigue is an important failure mode in titanium alloys where a hold at stress and relatively low temperatures (less than 200°C) gives a very large reduction in cyclic life, typically between one and two orders of magnitude [38] . For a detailed review of the role of hydrogen in cold dwell, the reader is referred to [39] . In summary, this study was in agreement with previous work [40, 41] showing minimal effect of hydrogen on dwell debit in the range of approximately 10 to 250 ppmw, with slightly increasing fatigue strength as hydrogen content was increased to the top of this range. This is in contrast with the findings of [42] and [43] where a significant life debit was observed with increasing hydrogen. This differential was attributed to microstructure where, once again, property degradation was attributed to the increased hydrogen mobility associated with 'colony/platelet' microstructures where the continuity of the β phase was high. broader range of alloy chemistry is explored, the situation becomes more complex. Highly β stabilized alloys with comparatively high volume fractions of interconnected β phase become essentially immune to cold dwell debit, which may arise from combinations of increased texture misorientation in the secondary α phase [44] , differential in the strain rate dependence at microstructural level [45] and the relative capacity of the β phase to trap hydrogen in the different alloys. A common issue with all this work is the necessity to test at stresses far higher (often by approx. 20%) than those that cause failure in the engine environment for test-piece volumes to exhibit the cold dwell failure mode. This makes correlation and mechanistic understanding very difficult for the industrialist given the known influence of stress on rupture life as a function of hydrogen [25] , where a life increase of approximately two orders of magnitude is apparent for approximately 20% stress reduction. However, the fatigue failure facets present at the origins for both specimens and components typically are inclined at 10°to 15°to the basal plane (and the loading axis) and therefore potentially indicative of a hydrogen-induced failure mode [46] . From an end-user standpoint, eliminating the dwell fatigue problem by reducing hydrogen is not possible as it is present at hydrogen levels lower than achievable in commercial practice. Despite this understanding, the failure mode, particularly at engine-relevant stress levels, is very important and deserves further study.
These trends are summarized in figure 7 . where replacements for stabilized trichloroethane are actively being sought. For zirconium, iodine is a particular concern in PCI, where reactive fission product inventory and local stress levels increase with fuel burn-up and cracking [48] .
A prevalent theme in SCC for these systems is the balance between oxide film rupture by stress, the subsequent local reactions that produce and locally charge hydrogen into the substrate and the ability of the material to re-passivate. Hydrogen is at the heart of most SCC failure modes and this is clearly reflected in the trends as a function of alloy content and texture where systems with a low β content [49] and high basal plane intensity perpendicular to the loading axis [50] are most sensitive to embrittlement. The influence of texture in SCC requires care when comparing specimen tests to component behaviour by ensuring that representative worst-case textures have been studied in the laboratory. High basal textures arising from directional working mean that transverse tests for flat rolled product will generally be worse in SCC.
Mechanical properties in hydrogen-containing environments are susceptible to the length scale as well as the morphology of the microstructure. As an example, samples with coarse and fine acicular α with inter-lath β were shown to exhibit a four-order-of-magnitude differential in gaseous hydrogen-induced crack growth rate [51] . The differential was attributed to the increased surface area of α/β interface area per unit volume, promoting hydrogen-induced interface cracking.
The other dominant hydrogen-related degradation mechanism for both titanium and zirconium alloys is 'hot salt' stress corrosion cracking. The former forms the basis of the case study presented in this paper. The latter forms a fascinating parallel [52] in that (i) cracking is predominantly transgranular and in the α phase, (ii) initiation is from the edge of the contaminants, (iii) molten salts are worse than solid salts at the same temperature and (iv) the presence of moisture is damaging.
The life of zirconium alloy core components may be dictated by the maximum allowable hydrogen content in the metal. This comprises the starting level and the progressive pickup with time from the hydrogen in the water due to the corrosion process. Zr-2.5 Nb was selected for CANDUs largely on the basis of its low hydrogen pick-up in comparison with the alternative (Zircaloy 2) available at the time. For CANDU pressure tubes made of Zr-2.5 Nb, the terminal solid solubility (TSS) is between 40 and 70 ppmw, depending on local temperature. While specifications for Zr-2.5 Nb typically allow up to 10 ppmw H [53] , best practice is less than 5 ppmw [54] . As the deuterium pick-up rate is approximately 1 ppm per year, this equates to 20 years additional operation with respect to hydrogen degradation, in the absence of other life-limiting phenomena [4] .
The area of hydrogen pick-up during zirconium corrosion is complex and being actively researched, motivated by the considerable benefits possible from new alloys and improved predictive capability for those in service.
Metallurgy (a) Phase equilibria and transport
In titanium, hydrogen is found to be a β stabilizer (β-eutectoid type) [55] , with hcp α-Ti having a maximum solubility of about 8 at.% (1800 ppmw), compared with nearly 50 at.% (2.1 wt%) in the β (1 at.% H = 213 ppmw) (figure 8). The Fm3m γ hydride phase has the approximate stoichiometry TiH 2 . The α phase has four tetrahedral sites and one octahedral site per atom of radius 0.33 and 0.61 Å, respectively, while the β phase tetrahedral sites have radius 0.44 Å. Hydrogen has a nominal atomic radius of 0.46 Å, so, as the β phase has a higher entropy than the α and the H atom fits in its tetrahedral sites, H is found to be a β stabilizer, while larger atoms such Ti-H and Zr-H phase diagrams, from [56] and [57] . Note the higher solubility for hydrogen in α-Ti than in α-Zr.
room temperature being of the order of 2 μm h −1 in α and 90 μm h −1 in β; at 800°C the diffusion rates would be around 4.4-5.6 mm h −1 [58, 60] .
The picture in zirconium is, of course, similar. H is again a β stabilizer; the maximum solubility in α-Zr at the eutectoid with the β at 550°C is around 6 at.% (1 at.% H = 112 ppmw), with the β having solubility for around 30 at.% H at the eutectoid and a maximum solubility of approximately 50 at.%. Above the eutectoid in the α + β phase field, the solubility in the α is approximately constant up to around 700°C [61] . The stable hydride is the fcc δ-ZrH 1.5-1.7 phase. Hydrides being life-limiting for fuel clad (US NRC sets a discharge irradiation limit based on hydride content), hydrogen solubility has received much more extensive attention than in Ti; in particular, the reader is referred to [26, 62] . It is found that there is a hysteresis of about 50 K between dissolution and precipitation, due to the volume change (7.2% in [0001] and 4.6% in a , V/V = 16%) produced by hydride precipitation and the consequent dislocations and associated strain energy. For precipitation, the terminal solid solubility for precipitation (TSSP) is found to be around 200 ppmw at 350°C but just 10 ppmw at 140°C, the relationship being linear on a log scale versus 1/T (in K). Irradiation increases H solubility by approximately 25 ppmw at 300°C, due to trapping by defects such as dislocation loops.
Diffusion in the β (Q = 192 kJ mol −1 , D 0 = 6.14 m 2 s −1 ) is slower at temperatures substantially below the transus than in the α (Q = 45.3 kJ mol −1 , D 0 = 7.70 × 10 −7 m 2 s −1 ), in contrast with the situation in Ti [63, 64] . The transport distance ( √ DT) at room temperature in α-Zr is 35 μm h −1 at 100°C and 450 μm h −1 at 300°C.
(b) Preparation artefacts
During metallographic etching, electropolishing of thin foils for transmission electron microscopy (TEM), oxide polishing (e.g. for backscatter imaging and electron backscatter diffraction (EBSD) in the scanning electron microscope (SEM)) and Ga ion focused ion beam (FIB) milling, it is found to be very easy to induce hydride formation in both titanium and zirconium. It should be noted that the sporadic reports of the existence of fcc titanium in the TEM are most likely instead the observation of the γ hydride, for which the Ti possesses an fcc arrangement; H is a relatively poor electron scatterer and therefore does not necessarily give rise to peaks in the diffraction patterns. In the TEM, free H will often be present from the diffusion pumps, oils and greases used in seals, and therefore at the low vacuum present H must be assumed. will be present in the column, while Ga increases the solubility of H in the α and suppresses the β [65] . Thus, Ga milling leads to H implantation and hydride formation. During oxide polishing, H pick-up can be suppressed by careful neutralization of the oxide polishing slurry, while during etching and electropolishing careful control of the solution, voltage and temperature are sufficient to avoid the effect.
(c) Experimental techniques
Like most interstitial elements, even measuring hydrogen contents by wet chemical analysis can be challenging, with the inert gas fusion method being most popular [66] . However, with care and calibration, uncertainties in the range of ±15 ppmw are routinely attainable. However, spatially resolved measurements of H concentrations are much more challenging. As discussed above, SEM, TEM, secondary ion mass spectrometry (SIMS) and atom probe columns cannot be considered free of hydrocarbon contamination. In addition, the H spectral lines in energy dispersive X-ray spectroscopy (EDX) are absent (no K, L, M lines), leaving only the possibility to detect hydrogen by location-specific mass spectrometry. In the secondary ion mass spectrometer, an ion source (Ar, Xe, O, SF + 5 , Ga or Xe) is used to sputter atoms from the sample before collecting them into a mass spectrometer, which therefore allows H to be measured. To avoid contamination considerations, deuteration is of particular value, although this limitation effectively precludes the detection of H from service and manufacturing investigations. In the atom probe, care must be taken to preclude H pick-up during Ga milling of needles or the electrolytic polishing of needles, while the question of the presence of H in the atom probe itself is also problematic. Again, deuteration offers a pragmatic solution for laboratory experimentation.
Indirect measurements such as resonant ultrasound spectroscopy (RUS), usually used for obtaining single-crystal elastic constants, can also be of use in the study of hydrogen. Using RUS, Driver and co-workers [67] found that the maximum in loss factor Q with temperature could be related to a Snoek-like relaxation with activation energy equal to that for the β phase. In the case where the variation in solubility with hydrogen content is known, measurement of the terminal solid solubility for precipitation (TSSP) and dissolution (TSSD) in the differential scanning calorimeter (DSC) is a reliable and accepted method for H content determination in Zr.
(d) Effect of stress and temperature
In Zr, it is found that H segregates quite quickly to regions of high dislocation density, i.e. to slip bands, grain boundaries, twin boundaries and prior β boundaries and to high-O regions [68] . This is because H causes a small dilation in the lattice and therefore will migrate to areas, such as dislocation cores, where the lattice is already dilated. Therefore, H will migrate up a stress gradient, e.g. to a crack tip, which is fundamental to the mechanism of delayed hydride cracking (DHC) [69] . This was shown using a bending specimen [70, 71] . Partial molar volume measurements have shown that hydrogen in solution and in δ-ZrH 1.5-1.7 has nearly the same volume, and therefore the effect of stress on the solubility of H is small [72] .
Where a component has a temperature gradient present, the effect can therefore be to act as a 'cold trap', whereby the lowered solubility of H in a cold region leads to hydride precipitation, lower hydrogen activity in the metal, and therefore to diffusion of H to the cold region from the hot region. Similarly, in DHC the stress raiser (notch, crack tip) creates a local trap for H that causes it to 'drain' from the surrounding metal [73] . Similarly, charging experiments in titanium at 600-800°C have shown an effect of tension and compression but not torsion, indicating that the hydrostatic stress is the important effect and that tension decreased the activity of H in Ti, and so hydrogen migration is a stress gradient would also be expected in titanium.
(e) Hydrogen interactions with dislocations
Conventionally, both α-Ti and α-Zr deform easiest by pri a 11-20 {1010} slip, as they have a c/a ratio below ideal hcp packing and therefore the prism plane has higher density than the (0002) basal plane; c + a slip modes are generally around 3× stronger at low and moderate temperatures. In both pure metals twinning is prevalent as an alternative c-axis deformation mode, although this is suppressed by alloying and length-scale effects in most commercial Ti alloys. In fatigued α-Ti, extensive cross slip is observed with jog formation and tangles in the dislocation forest, but this can be disrupted by factors that promote slip band formation. This includes the formation of α 2 Ti 3 Al, through which the pri a dislocations must travel in pairs, thereby supressing cross slip. In alloys such as Ti-6 Al-4 V, even air cooling is sufficiently slow to enable α 2 formation, although this may only be observable in the diffraction patterns in TEM rather than imaged, but 'ideal' behaviour can be recovered by water quenching. Empirically, a similar effect is observed near H-loaded stress corrosion cracks in Ti, which implies that H does not just lead to embrittlement by hydride formation.
Conrad ([58] , p. 159) points out that the core of pri a dislocations is bcc, then α-stabilizers such as O, N and C will experience a repulsive interaction, whereas a β-stabilizer such as H will be attracted. The most favoured dissociation for pri a slip, after Akhtar & Teghtsoonian ( [58] , p. 332), is for the a/3 [11] [12] [13] [14] [15] [16] [17] [18] [19] [20] dislocation to separate into an a/9 [11] [12] [13] [14] [15] [16] [17] [18] [19] [20] and a 2a/9 [11] [12] [13] [14] [15] [16] [17] [18] [19] [20] dislocation, which forms a locally bcc structure. This would be favoured by the addition of H (as a β-stabilizer), and therefore H will favour the opening of a stacking fault and inhibit cross slip. This is important, as cross slip is the hardening mechanism that inhibits flow localization, and flow localization is what gives rise to the drop in fracture toughness in a hydrogen enhanced local plasticity (HELP) view of how H gives rise to a lowered K 1SCC in Ti.
In the original Birnbaum and Shih work in the TEM, the introduction of H into the chamber enabled the motion of dislocations in titanium that was under stress [74, 75] . The proposition of the HELP mechanism is therefore that H introduced around a crack tip or notch, e.g. due to corrosion, will give rise to localized plasticity and thence to ductility exhaustion leading to (ductile) fracture. The hydrogen will be retained at the notch because of the tensile stress in Zr and Ti, and will lead to localization (formation of slip bands) because it favours dislocation dissociation and therefore inhibits cross slip. It should be noted that the HELP mechanism is controversial in the corrosion community, who prefer to think of hydrogen embrittling grain boundaries (hydrogen enhanced decohesion or HEDE [76] ), for which there is substantial evidence in austenitic stainless steels. However, we see no reason why the mechanism of embrittlement need be identical in Ti and Zr to that in stainless steels.
(f) Hydrogen effects on deformation behaviour
The effect of H in solution on the deformation behaviour has been studied very little in either alloy system, but much work has examined, at least empirically, the correlation with fracture behaviour.
Virgin Zircaloy 4 has a fracture toughness of around 60 MPa m 1/2 , dropping to approximately 15 MPa m 1/2 at 2000 ppmw H. The drop is most dramatic at low H contents, to around 20 MPa m 1/2 at 500 ppmw (Kreyns et al. [29] , from [61] ). The hydride itself is brittle, and therefore once a few vol% of δ hydride is formed, the toughness drops precipitously.
In titanium, H contents as low as 150 ppmw (1.3 at%) were sufficient to raise the temperature for the onset of sustained load crack growth in Charpy specimens, over the course of tens of days, from 200 K to 250 K; 250 ppmw was sufficient to raise it to 275 K [31] . It is found that the texture is critical, with cracking being favoured where the crack plane coincides with the preferred {0002} (transverse) plane normal. This is also, coincidentally, close to the hydride habit plane.
Hydrides form in a δ-ZrH(111) || α-Zr(0002), [1] [2] [3] [4] [5] [6] [7] [8] [9] [10] || [11] [12] [13] [14] [15] [16] [17] [18] [19] [20] orientation relationship, where the habit plane is the basal (0002) plane; hydrides in Ti have the same behaviour. In zirconium, Carpenter rationalized the appearance of the macro-hydride packets at 14-17°from the (0002) plane as being a consequence of the arrangement of nano-hydride platelets in such as manner as to autocatalytically accommodate each other's strain fields [77] .
Therefore, the precise mechanism of hydrogen embrittlement is unclear, with some authors preferring the local formation of hydride at the crack tip under stress (which might revert on unloading and therefore be unobservable). At the time of writing, hydride formation at the crack tip has not been unequivocally observed in titanium.
Case study: stress corrosion cracking in Ti-6246 (a) Background
Cyclic fatigue spin tests are routinely undertaken on critical rotating components within gas turbine engines as part of component lifing validation. Such spin tests are designed to be closely representative of the actual service conditions experienced by the components in question, i.e. stress level, loading regime and exposure temperature. However, one distinction is that spin tests are undertaken in partial vacuum environments (in order to produce low load on the motors due to air resistance), in contrast with the high-pressure environments experienced in service or the laboratory air (atmospheric pressure) or hard vacuum conditions imposed by specially designed rigs. Two incidences of premature cracking were observed on similar Ti-6 Al-2 Sn-4 Zr-6 Mo (Ti-6246) components, tested at 350 and 400°C. Evidence as to the cause of cracking at unexpectedly short fatigue lives was demonstrated by a small, elliptical, optically blue feature at the fatigue crack origin in both cases. From here on, the features will be referred to as 'blue spots'; they have dimensions of the order of 100 µm. These two observations were followed by numerous additional instances on the fracture surfaces of Ti-6246 laboratory low cycle fatigue (LCF) specimens, tested in atmospheric air between 450 and 550°C (figure 9).
Ti-6246 is heavily β-stabilized and consists of coarse, elongated primary α laths (α p ) as well as much finer secondary α laths (α s ) residing within a retained β phase matrix. As a result of this optimized microstructure Ti-6246 offers a 100-150°C operating temperature capability increase over Ti-6 Al-4 V. Associated advantages in jet engine efficiency, and subsequent environmental and financial benefits, have led to the introduction of Ti-6246 across a number of civil and military gas turbine engines in critical rotating applications. A series of detailed failure investigations were undertaken first at Rolls-Royce plc and subsequently at Imperial College to determine the root cause of the premature cracking in the spinning rig components and significantly reduced lives of the LCF test specimens. To date, the authors believe that this blue spot phenomenon is largely restricted to the α + β Ti-6246 alloy, with a lamellar transformed β microstructure. However, other alloys in a similar microstructural condition (continuous β ligaments) may also be vulnerable. Figure 10 displays the lamellar microstructure at a range of magnifications.
(b) Fractographic morphology
Using the immediately available resources at Rolls-Royce, a conclusion as to the underlying mechanisms leading to blue spot formation could not initially be reached. The utilization of unusual combinations of advanced experimental techniques was employed at Imperial College, alongside the more traditional fractographic approach. The improved sensitivity/energy resolution of the SEM-EDX instruments available at Imperial College led to the first observations of both sodium and chloride species in the vicinity of the blue spot. It was also possible to distinguish further elevated oxygen levels at the blue spot from the rest of the fracture surface, which had been oxidized as a result of high-temperature exposure during crack growth. These initial observations of apparent corrosive salt species led to further analysis of the fracture surface to establish any fractographic differentiation, which may indicate a stress corrosion cracking mechanism in operation. Following comparison of the blue spot fracture surfaces with those of known occurrences of SCC in the same material (and microstructural condition), it was possible to deduce a subtle differentiation of fracture surface appearance within the blue spot ( figure 11 ) compared with material immediately adjacent to it. The modified fracture surface morphology (limited to within the blue spot boundary) was also observed to have stark similarities to the known SCC situation. The blue spot origin was found to be associated not only with Na + and Cl − ions, and elevated oxygen levels, but also with an odd 'brittle-looking' appearance, through evidence of the underlying lamellar microstructure observed at the fracture surface. These observations were strictly limited to within the blue spots. Figure 11a is from a known SCC situation in Ti-6246, where a clear transition in fractography can be seen from the lower left (SCC) to the upper right (LCF growth) of the image. Evidence of elongated (vertical) primary α laths can be seen in the SCC region of figure 11a . Figure 11b provides a higher-magnification view of a known SCC fracture surface, demonstrating clearly defined primary α laths. The similarity in appearance can be easily observed through comparison with the blue spot examples in figure 11c,d , taken from a spinning rig component and laboratory tested LCF specimen, respectively. Finally, figure 11e shows a subtle but real transition in fracture surface appearance between the blue spot on an LCF test piece and the adjacent region. This observable transition on the fracture surface is indicative of a change in crack growth mechanism within the blue spot compared with immediately adjacent to it, and will be discussed in the following subsection. Rolls-Royce failure investigation experts also employed validated striation counting and fracture mechanics to establish that fatigue had propagated with a near nil initiation life. The reader is referred to Saunders et al. [78] for further details.
It should be noted that in all cases (rig test components and laboratory LCF specimens) the blue colour was uniform across the feature and did not show a gradual colour change with crack length. This blue discoloration is simply a product of the thickness of the oxide film; however the uniform nature of it indicates a consistent thickness across the feature. During high-temperature fatigue crack growth, the freshly exposed titanium surface will oxidize, forming a TiO 2 oxide layer. In a conventional fatigue-cracking situation, material exposed to high temperatures for longer durations will have time to form a thicker oxide layer than material only exposed for a short time. Thus material at the crack mouth would be expected to have a thicker oxide scale than that at a crack tip, accompanied by a gradual change in colour from the edge of the fracture surface (maximum) to reflect the decrease in thickness towards the crack tip. This is not the case in the blue spot situation, and thus the proposition is that the observed sudden and uniform elevation in oxygen concentration within the blue spot is a by-product of a corrosion reaction. In a number of cases, evidence of corrosion product build-up can be seen on the fracture surface within the blue spot. This has been observed to have either a nodular or needle-like morphology ( figure 12) .
Interestingly, the blue spot boundary is more definitive in the case of the LCF specimen examples tested in laboratory air than the spinning rig component blue spots, which formed in a partial vacuum environment. It is also worth noting that each blue spot is accompanied by an adjoining surface pit, which always forms on the external surface of the material on the plane perpendicular to the fracture surface (parallel to the applied loading direction).
A 2015 paper by Chapman et al. [79] provides full details of the evidence pertaining to the presence of salt deposits at the blue spots; however some unknowns remain. In the vast majority of examples, each specimen or component contains only one or maximum two blue spots across the whole fracture surface. The blue spots and adjacent surface pit features are both of the order of 100 µm in scale but it is postulated that the salt species are deposited onto the external surfaces as a result of poor cleanliness practices, i.e. fingerprints. Clearly 100 μm does not correspond to the length scale of a fingerprint, so the question remains as to why such small, single blue spot features are formed on the fracture surfaces in discrete locations. It seems likely that there must be one further variable, not yet considered, that must be satisfied in order for blue spot growth to occur. It may be as simple as blue spots forming from a pre-existing defect on the external surface, but the authors consider it unlikely that only one such defect will occur concurrently with the salt deposit. It is therefore postulated that the orientation of the primary α laths plays a role in blue spot susceptibility. In all cases of blue spot formation, primary α laths observed on the fracture surface within the blue spot had a similar spatial orientation. They were always found to extend to the edge of the specimen or component and appeared to have been sectioned through during final component/specimen machining. Further, in all the examples examined as part of this case study, the primary α laths were present in cross-like morphologies, with pairs of α laths often found in a perpendicular arrangement. This is considered to be significant. The crystallographic orientation of a selection of these features was successfully indexed by direct EBSD inspection on the fracture surface. In these cases the facet normal was found to lie approximately 14°to the [0001] direction, indicating the plane of the α lath facet (and thus fracture plane) to coincide with either the {10-17} or {10-18} planes, inclined 15°and 13°from the basal plane, respectively. Both these high-index planes are known hydride habit planes. It is suggested that further work is undertaken to determine if particular orientations or clusters of aligned α laths are consistently more susceptible to hot salt attack.
(c) LCF versus hydrogen enhanced growth
Following detailed investigation of the blue spots and adjacent surface features using SEM-EDX, TEM and STEM-EDX and simultaneous positive/negative ion FIB-SIMS, a mechanism was proposed to explain blue spot formation and the associated transition in fracture surface appearance. The reader is referred to [79] for a full explanation, but a summary focusing on the titanium species only is provided here. In reality, other alloying elements play an important role in maintaining reactions. Initially, the TiO 2 oxide scale is proposed to react with the NaCl salt deposit (at temperatures exceeding 300°C) in the presence of moisture to produce sodium titanate and gaseous hydrochloric acid. TiO 2 is consumed during this reaction, exposing the titanium alloy beneath the salt deposit to the HCl-rich environment, preventing repassivation of the disrupted oxide film. The bare titanium therefore remains vulnerable to corrosive attack and is suggested to react with the gaseous HCl, dissolving the base alloy locally and allowing small channels to advance into the metal. A range of titanium chloride species and atomic hydrogen is also formed. TiCl 2 is solid in the 400-500°C temperature range whereas TiCl 4 is volatile. It is proposed that the gaseous TiCl 4 interacts with water molecules regenerating TiO 2 at the crack mouth and further hydrochloric acid, thus continuing the supply of HCl to the reaction site and hydrogen into the titanium. It is the production of titanium dioxide during this reaction that is considered to be the basis of blue spot formation. The TiO 2 reaction product is understood to condense at the crack mouth and act as a plug, temporarily preventing further reactions. In agreement with Ford [80] , shear along preferential crystallographic planes is thought to occur on the tensile portion of the fatigue loading cycle, leading to slip dissolution. Subsequent formation of a slip step provides access to bare titanium at the crack tip. Hydrogen concentrates just ahead of the crack tip in the high hydrostatic stress field, resulting in local embrittlement and crack extension beneath the stress intensity required to crack bulk, uncharged material. As the crack extends, the TiO 2 plug at the crack mouth is split and condenses either side of the crack walls on what will eventually become the fracture surface, enabling repeated hydrolysis of the titanium (alloy) chlorides and a looping reaction of bare titanium with HCl supplying hydrogen for charging at the crack tip.
The concentration of hydrogen at the crack tip is a function of the competing reactions of hydrogen charging and hydrogen diffusion. Embrittlement at the crack tip will only occur if there is sufficient hydrogen to embrittle the region immediately ahead of the crack tip before the hydrogen diffuses into the bulk, away from the high hydrostatic stress field. With infinite availability of salt, it is reasonable to assume that this hot salt stress corrosion cracking (HSSCC) hydrogen embrittlement mechanism will operate for the duration of crack propagation. However, the situation leading to blue spot formation involves a finite salt deposit, hence the apparent transition from HSSCC to conventional LCF crack growth. With finite salt availability, the supply of NaCl will soon become exhausted, stifling the initial reaction between the oxide scale, salt and moisture. The self-sustaining generation of HCl is still expected through the following reactions:
The second reaction is followed by slip dissolution to expose bare titanium at the crack tip; however, losses of the volatile chlorides should be expected over time. Further, the rate of hydrogen charging is likely to decrease as a result of the increasing area of the crack front and thus declining concentration of HCl as the crack extends. This is likely to be compounded by extensive crack branching commonly observed in titanium HSSCC situations. Therefore, assuming hydrogen diffusion rates remain constant, as the rate of hydrogen charging slows there will be a lower concentration of hydrogen after a given reaction time, which reduces the extent of embrittlement ahead of the crack tip. Eventually, the concentration of hydrogen will fall beneath the threshold to cause crack extension at lower than bulk material stress intensities, which will prevent rupture of the oxide 'plug' and stifle the looping reactions. Hydrogen charging will therefore cease and any remaining hydrogen at the crack tip will soon diffuse into the bulk material. At this point, crack propagation will return to a conventional fatigue crack growth mechanism. As the crack extends in fatigue, the oxide plug will eventually rupture due to increased crack tip opening displacement as a function of crack length [81] . However, there is no evidence of a return to the HSSCC mechanism; it is assumed, as charging has dramatically increased, that at higher stress intensities (larger crack lengths) the hydrogen diffusion versus charging rate is such that there are insufficient levels of charging to cause embrittlement.
It should also be noted that at increased air pressures, the titanium chlorides favour a reaction with O 2(g) rather than H 2 O (g) , which supresses the self-generating HCl cycle and appears to prevent HSSCC of compressor blades and discs in service environments.
(d) Experimental evidence of hydrogen embrittlement in HSSCC mechanism
As has already been discussed, there are significant challenges associated with direct observation of atomic hydrogen. There has been reasonable success measuring deuterium levels in purposefully deuterated samples, but this method cannot be used to detect H from service, as is required in this case. Section 3e briefly outlined the original work by Birnbaum et 
( c) Figure 13 . Bright-field dislocation contrast images: (a,b) low density of dislocations within grains subsurface of a blue spot at two different diffraction conditions; (c) high density of dislocations within a grain subsurface of a fatigue crack propagation region-approximately 600 µm.
Shih et al. [74] were able to control the slip activity at the tip of an advancing crack by adding and removing hydrogen. They observed that the addition of hydrogen to the vacuum caused previously immobile dislocations to move (under the same applied strain). No such response was observed following the injection of any other gases (a number of noble gases were trialled). Upon removing hydrogen, dislocation motion was inhibited and crack advance prevented. It is now well documented that solute hydrogen increases the mobility of dislocations. Further investigation of the blue spot mechanism involved the extraction of TEM foils directly from the fracture from within blue spot origins, LCF origins and fatigue crack propagation regions. Dislocations within grains connected to the fracture surface and protruding into the bulk metal were examined using a combination of invisibility contrast conditions and trace analysis. The principal finding from this work was that grains extracted from within the blue spot had considerably lower dislocation density than either grains from LCF origin or propagation regions. A rationale for solute hydrogen lowering the dislocation density is provided with reference to the Orowan equation, which describes the relationship between strain rate, dislocation density, average velocity and the magnitude of the Burgers vector of the mobile dislocations, as follows [84] :ε = bρ mv .
If hydrogen does indeed enhance dislocation mobility, as the wealth of evidence suggests, then at a given plastic strain rate in the crack tip plastic zone this dislocation velocity must be higher and thus there is an associated reduction in the mobile dislocation density; thus fewer dislocations should be observed, as is the case for the blue spot grains. For those grains not charged by solute hydrogen, the opposite was observed. Lack of hydrogen results in lower mobility dislocations; thus at the same strain rate the dislocation density will be higher, resulting in more dislocation interactions and tangling, i.e. the dislocation forest. Figure 13 illustrates the difference in dislocation density and morphology in the blue spot grains (enhanced by hydrogen) and those free from solute hydrogen. Finally, it is worth addressing the two, apparently contradicting, observations of localized flow softening in thin foils or crack tips versus macroscopic hardening in bulk specimens. A number of studies have observed an increased macroscopic flow stress when hydrogen is in solution, implying solute hardening resulting from a dislocation pinning effect [85] [86] [87] . Other investigators such as Shih & Birnbaum [74, 75] propose that hydrogen acts to shield dislocation-dislocation interactions, enabling dislocations to move at lower applied stress levels in the presence of hydrogen. The HELP mechanism can be used to explain how hydrogen can concurrently reduce toughness and enhance dislocation mobility at a hot salt stress corrosion crack tip while also providing macroscopic hardening. The principal differential between these two situations is the availability of a free surface in the localized flow softening scenario. On a macroscopic scale, the HELP mechanism can be rationalized to promote higher glide velocities and thus a lower dislocation density for a given strain rate. In bulk material this will give rise to larger glide lengths and subsequently more opportunity for dislocation tangling/forest hardening, thus resulting in macroscopic hardening in bulk specimens. Conversely, in the presence of a free surface, such as a crack tip or thin foil, straining can occur without the gradual rise in dislocation density. Further, Beachem [88] reported a reduction in fracture toughness during hydrogen-assisted cracking, and suggested that hydrogen unlocks, rather than pins, dislocations, thus providing further support for two apparently contradicting mechanisms occurring at different length scales. For full details of hydrogen enhanced dislocation motion in an HSSCC scenario, the reader is referred to [89] .
Summary and conclusion
It is clear that hydrogen has a profound effect on the behaviour of titanium and zirconium alloys. This has far-reaching consequences on the design and durability of these materials in service and the way they are manufactured. The main behavioural trends as a function of alloy chemistry, structure, texture and service load regimes have been identified. However, there are a number of very important areas that now require detailed study to provide predictive capability allowing improved alloy design, process route design and optimized component definition for hydrogenrelated threats. In particular, it is the authors' view that the following themes would benefit from the application of advanced experimental and modelling techniques:
(i) Experimental studies, probably synchrotron based, to explore hydrogen migration rates as a function of stress, temperature and alloy substrate variables. (ii) Explore hydrogen partitioning as a function of local phase chemistry probably using a combination of resonant ultrasound spectroscopy, atom probe tomography and FIB/SIMS. (iii) Inclusion of the above into a coherent physics-based modelling framework. (iv) Detailed mechanistic studies to elucidate the role of hydrogen in local plasticity effects and crack tip advance/decohesion. This is non-trivial and will almost certainly require in situ loading techniques including micro-focus diffraction/TEM along with detailed atomistic level modelling.
Given the clear similarity between titanium and zirconium systems with respect to hydrogenrelated behaviour, it would be highly desirable that the two are studied in parallel to maximize the efficiency and resulting application space of the research. As we have seen from the componentbased case study, a great deal more than behavioural trends are required for the successful and robust industrial application and the proposed work above would go a long way to address this. 
